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a b s t r a c t   

This study presents the characteristics of hot deformation behavior of a Al0.3CoCrFeNi high–entropy alloy in 
the temperature and strain rate ranges of 1023–1423 K and 10–3–10 s–1, respectively. The constitutive flow 
behavior was modeled based on the hyperbolic–sinusoidal Arrhenius–type equations and a mathematical 
relation was used to observe the influence of true strain on material constants. To define the hot workability 
of the alloy, a processing map was developed based on the principles of the dynamic materials model. 
Accordingly, a dynamic recrystallization (DRX) domain was identified as prudent for processing in the 
temperature and strain rate ranges of 1273–1423 K and 10–2–2 × 10–1 s–1 respectively, with a peak efficiency 
of ~45% at 1423 K/6 × 10–2 s–1. At lower temperatures (1048–1148 K) and strain rates (10–3–3 × 10–3 s–1), a 
dynamic recovery (DRV) domain was identified with a peak efficiency of 38% at 1123 K/10–3 s–1. A large 
instability regime occurred above 3 × 10–1 s–1 with an increased tendency of adiabatic shear bands. It 
extended to lower strain rates 10–2–10−1 s−1 at temperatures <  1123 K, manifested by localized shear bands 
and grain boundary cracking. At low strain rates (5 × 10–3–10–3 s–1) and temperatures (1148–1298 K), 
particle stimulated nucleation of new DRX grains occurred at B2 precipitates, though the efficiency of power 
dissipation dropped sharply to ∼9%. 

© 2022 The Author(s). Published by Elsevier B.V. 
CC_BY_4.0   

1. Introduction 

High-entropy alloys (HEAs) have gained significant attention in 
the recent decade due to their fascinating properties, especially high 
mechanical strength, ductility, and thermal stability, besides re-
markable resistance to wear and corrosion [1]. HEAs mainly com-
prise of four or more principal alloying elements alloyed in 
equiatomic or near-equiatomic concentrations. An initial approach 
in respect of designing a HEA was to obtain a single-phase solid 
solution with high mixing configurational entropy [2]. The equia-
tomic CoCrFeMnNi single phase HEA, also known as the Cantor alloy, 
is one of the earliest and most researched HEA [1,3]. However, a new 
design approach was considered later to include multiple phases 
and/ or intermetallic precipitates to enhance the balance between 
strength and damage tolerance [1,4]. In this regard, AlxCoCrFeNi 
(x = 0–2) HEA system is perceived as a potential engineering ma-
terial, where the addition of Al can facilitate the formation of a BCC 
phase from the FCC matrix, as Al is a strong BCC stabilizer. At low Al- 

level corresponding to x = 0–0.5, the alloy continues to have the FCC 
structure, but with a further increase in Al content in the range 
x = 0.5–0.9, both FCC and BCC structures do coexist. However, a 
significant increase in Al-addition in excess of x = 0.9 facilitates 
complete stabilization of BCC structure [5,6]. Accordingly, the 
AlxCoCrFeNi HEA system has attracted a wide research interest due 
to its extraordinary physical and mechanical properties [7]. For ex-
ample, as-cast Al0.3CoCrFeNi HEA showed a nominal tensile strength 
of ~300 MPa with a high ductility of 60%. However, a combination of 
severe cold rolling reduction of 90% followed by aging at 823 K 
boosted the tensile strength to as high as 1850 MPa, though with a 
low elongation of ~5%, largely due to the precipitation of Al–Ni based 
B2 and/ or σ nano–precipitates [8]. In yet another study, to achieve a 
good strength-ductility combination, a cold–rolled Al0.3CoCrFeNi 
alloy sample with 70% reduction was aged at 1073 K, which did 
impart not only a reasonably high tensile strength of ~1060 MPa, but 
also boosted the tensile ductility to ~26% [9]. The possibility of at-
taining a significant change in the structure, phase fractions and 
mechanical properties such as excellent impact toughness [10], wear 
resistance [11], fatigue resistance [12] and excellent work hardening 
due to twinning [13] induced as a result of Al addition, rendered the 
alloy system a desirable candidate for structural applications. 

https://doi.org/10.1016/j.jallcom.2022.165341 
0925-8388/© 2022 The Author(s). Published by Elsevier B.V. 
CC_BY_4.0  

]]]] 
]]]]]] 

⁎ Corresponding author. 
E-mail address: madan.patnamsetty@tuni.fi (M. Patnamsetty). 

Journal of Alloys and Compounds 914 (2022) 165341 

http://www.sciencedirect.com/science/journal/09258388
https://www.elsevier.com/locate/jalcom
https://doi.org/10.1016/j.jallcom.2022.165341
https://doi.org/10.1016/j.jallcom.2022.165341
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jallcom.2022.165341&domain=pdf
http://crossmark.crossref.org/dialog/?doi=10.1016/j.jallcom.2022.165341&domain=pdf
mailto:madan.patnamsetty@tuni.fi
https://doi.org/10.1016/j.jallcom.2022.165341


Mechanical processing at high temperatures is inevitably ne-
cessary not only in shaping engineering materials to useful com-
ponents, but also to impart desired microstructures and properties. 
This is governed by the hot workability of the material, which refers 
to the ease with which the material can be deformed without the 
onset of defects or fracture. The intrinsic workability of an alloy is 
affected by its prior processing history, composition, initial micro-
structure, and dynamic response to a set of deformation conditions. 
The material response to the imposed hot deformation conditions 
can be mathematically expressed in terms of constitutive equations. 
These equations can be useful in predicting the flow stress values at 
different strains, strain rates and temperatures within the limits of 
hot deformation, besides the activation energy of hot deformation 
(Q def ). In addition, various material constants that describe the be-
havior of material under hot deformation conditions are estimated 
using the constitutive equations [14]. 

The studies available in the literature illustrating the influence of 
hot deformation on the microstructural evolution of Al0.3CoCrFeNi 
HEA are limited. Haghdadi et al. [15] reported the occurrence of 
dynamic recrystallization (DRX) during the hot deformation of 
Al0.3CoCrFeNi HEA at 5 × 10–3 s–1along the prior grain boundaries 
followed by twinning. In addition, a micro-shear band induced re-
crystallization was also observed due to strain localization. However, 
studies illustrating the constitutive flow behavior are limited. Earlier, 
Tong et al. [16] reported the hot deformation behavior of as-cast and 
homogenized Al0.3CoCrFeNi HEA, but the temperature range was 
narrow (1023–1223 K) and the strain rate too was varied in a rela-
tively lower range of 5 × 10–4–10–1 s–1. Also, Zhang et al. [17] and 
Jeong et al. [18] investigated the hot deformation behavior of as-cast 
and homogenized Al0.5CoCrFeNi and Al0.7CoCrFeMnNi alloys, but the 
temperature ranges of deformation were quite narrow in the ranges 
1123–1273 K and 1173–1373 K, respectively, though the strain rate 
was varied in a wide range of 10–3–10 s–1 for both materials. Wang 
et al. [19] also investigated the influence of hot deformation as well 
as heat treatment on the resultant microstructures of Al0.3CoCrFeNi 
HEA and reported the occurrence of microstructural refinement 
through DRX, besides the formation of B2 precipitates following 
certain heat treatments. In addition, Gwalani et al. [20] calculated 
the activation energy of grain growth (~486 kJ/mol) for Al0.3CoCrFeNi 
alloy subjected to heavy cold rolling (~90% reduction) and sub-
sequent aging at different temperatures (1223, 1348 and 1423 K). 
Annasamy et al. [21], on the other hand, determined the activation 
energy of static recrystallization (Qs = ~549 kJ/mol) and estimated a 
relatively high grain growth exponent (ns = 5), though the tem-
perature range was quite narrow (1073–1173 K). The high Qs as well 
as ns were attributed to the appreciable pinning effect of B2 pre-
cipitates. 

There are several phenomenological constitutive models existing 
in literature to characterize the flow behavior of alloys, such as 
Zerilli-Armstrong model [22], the Khan-Huang-Liang model [23] and 
Johnson-Cook model [24]. However, the model proposed by Sellars 
and McTegart [25] is the most pronounced model to formulate the 
hyperbolic sinusoidal Arrhenius (HSA) type equations for high 
temperature deformation conditions. Tong et al. [25] used the HSA 
type model to determine the constitutive equation for the 
Al0.3CoCrFeNi HEA at a true strain of 0.7, encompassing low strain 
rates in the range 5 × 10–4–10–1 s–1 and temperatures in a narrow 
range of 1023–1223 K. However, no attempt was made to establish 
the constitutive equations for Al0.3CoCrFeNi HEA in a broad range of 
temperatures and strain rates [26], particularly using the iterative 
strain method [27,28] and is considered to be one of the main re-
search gaps. While trial–and–error methods are generally employed 
in selecting the hot working parameters, a processing map con-
structed on the basis of dynamic materials model (DMM) can 

become an explicit representation of the constitutive behavior of the 
material enabling optimization of the hot workability, while con-
trolling the microstructure, and excluding the cracking and in-
stability regimes that need to be avoided for defect–free processing  
[14]. In addition, it is possible to identify a ‘safe’ hot workability 
domain comprising ideal deformation conditions. In particular, the 
domain of dynamic recrystallization (DRX) is important, since this 
process reconstitutes the microstructure and enhances the hot 
workability. In literature, there are only few studies on the devel-
opment of processing maps of HEAs, such as CoCrFeMnNi [29], 
Al0.5CoCrFeMnNi [30], Al0.7CoCrFeNi [18] and FeCrCuNi2Mn2 [28], 
illustrating their hot workability and constitutive models. However, 
these studies offer only a limited in-depth analysis in terms of the 
evolution of microstructures without encompassing all the de-
terministic domains of the processing maps. There are only a few 
studies available in the literature on the hot workability of HEAs 
correlating the detailed microstructural features of each domain/ 
regime of the processing map, such as in the cases of CoCrFeMnNi  
[29], FeCrCuNi2Mn2 [28], Sn0.5CoCrFeMnNi [31], Al0.7CoCrFeNi [18] 
and MoNbHfZrTi [32] HEAs, etc. 

The current objective is to characterize the hot deformation be-
havior of a Al0.3CoCrFeNi using isothermal compression tests at 
various constant true strain rates and temperatures in the range 
10–3–10 s–1 and 1023–1423 K, respectively, conducted on a Gleeble® 
3800 thermomechanical simulator. Efforts were directed towards 
interpreting the influence of processing parameters on the hot de-
formation behavior and microstructural evolution. The flow stress 
data were analyzed to develop an iterative method using the hy-
perbolic sinusoidal Arrhenius type approach to establish constitutive 
equations in order to be able to accurately predict the flow stress of 
the alloy as a function of strain, strain rate and temperature. The 
impact of true strain was incorporated over a wide strain range of 
0.2–0.75. Besides, processing maps were constructed based on the 
principles of DMM in order to optimize the hot workability of the 
alloy and identify a ‘safe’ processing domain for defect–free pro-
cessing of the alloy. Furthermore, different deterministic domains as 
well as cracking and instability regimes were characterized using 
various techniques, such as electron backscatter diffraction (EBSD), 
optical microscopy (OM), and transmission electron microscopy 
(TEM) to understand the occurrence of respective microstructural 
mechanisms. 

2. Experimental details 

The experimental Al0.3CoCrFeNi HEA was melted in a vacuum 
induction melting furnace under inert argon atmosphere with 99.9% 
pure elemental powders and fabricated into a rectangular ingot of 
dimensions ~140×40×40 mm and weighing ~2 kg. To ensure com-
plete melting of the elemental powders and to promote homo-
geneous mixing, the melted alloy was held for ~1 min in the liquid 
state prior to casting. The casting was homogenized at 1473 K for 
24 h in a furnace maintained under argon atmosphere and cooled to 
room temperature inside the furnace. The homogenized casting was 
hot rolled at 1323 K to a thickness of 11 mm in 26 passes with a total 
rolling reduction of ~70%. The alloy was reheated in the furnace for 
about 10 min after every pass to maintain the rolling temperature at 
1323 K for subsequent passes. Specimens from the hot rolled 
Al0.3CoCrFeNi HEA were extracted in the traverse-normal direction 
using the wire-cut electric discharge machining (EDM) technique. 
The dimensions of the samples were ϕ 8 mm × 10 mm with an aspect 
ratio of 1.25. 

High temperature compression tests were conducted on the 
Gleeble thermo-mechanical simulator. The temperature of the spe-
cimens was monitored using the thermocouple spot-welded at the 
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center of the curved surface. The hot compression tests were con-
ducted similarly as done in the authors’ previous work [27,29], in the 
temperature range of 1023–1423 K in steps of 50 K and the strain 
rate was varied in the range 10–3–10 s–1 in steps of one order of 
magnitude. Initially, the specimens were reheated to 1423 K at a 
heating rate of 20 K/s and held for 5 min, then cooled to the de-
formation temperature at a cooling rate of 20 K/s and held for 15 s to 
allow the temperature to even out prior to hot compression. In order 
to reduce the friction and minimize barreling effect during hot 
compression, a graphite foil was used between the parallel surface of 
the specimen and the anvil on both sides. In order to reduce the 
temperature gradient and prevent the specimen from sticking to 
anvils, a tantalum foil was used between the anvil and the graphite 
foil. After compression tests, the compressed air was used for 
cooling. The hot compression data was evaluated using the MATLAB® 
2020a program and true stress–true strain plots made using the 
Origin® 2017 software. 

The microstructure of the specimens was examined using a Zeiss 
ULTRAplus field emission scanning electron microscope equipped 
for both elemental analysis (Oxford Instruments X–MaxN 80 energy 
dispersive X-ray spectroscope (EDS)) and crystallographic analysis 
(Oxford Instruments’ Symmetry® electron backscatter diffraction 
(EBSD) detector). The hot deformed specimens were segmented 
along the mid-plane parallel to the compression axis, as also ex-
plained in author’s previous work [33]. The samples were first 
rough-polished using successive abrasive SiC papers, and in the final 
stages, fine-polished with 3 and 1 µm diamond suspensions. Finally, 
a 0.04 µm silica colloidal suspension was used in the final step of 
polishing. The working voltage for FESEM was 20 kV and the step 
size for EBSD data acquisition was 0.7 µm. The EBSD measurements 
made on select specimens were further processed using the 
CHANNEL 5 data package. The grain boundaries (GBs) were cate-
gorized as low angle grain boundaries (LAGBs) with misorientation 
angle ( ) in the range of ° < < °2 15 and high angle grain bound-
aries (HAGBs) with misorientation angle ( ) °15 , in order to de-
termine the characteristics of microstructural evolution. HAGBs 
were delineated to determine the grain sizes. Besides, the 3 twin 
(CSL) boundary regions with misorientation angle (φ) of 60  ±  5° 
were excepted from the grain size evaluation. Furthermore, the fully 
recrystallized, partially deformed, and deformed grains were iden-
tified using the grain average misorientation (GAM) maps. The GAM 
maps were constructed using the EBSD data according to the criteria 
explained in previous work [33]. A PANalytic Empyrean Multi-
purpose Diffractometer (Malvern Panalytical Ltd, Netherlands) X-ray 
diffraction (XRD) instrument was used to examine the crystal-
lographic structure of the hot-rolled sample, operated on a Cu-Kα 

radiation source at 45 kV and 40 mA conditions. The respective XRD 
data in 2θ range was collected between 30° and 110° with a step size 
of 0.013°. A JEOL 2200FS EFTEM/STEM operated at 200 kV was used 
to conduct the transmission electron microscopy (TEM) study on 
select specimens, enabling resolution at high magnification to re-
solve the evolution and co-existence of secondary phases/pre-
cipitates and to illustrate detailed structural changes by indexing 
concerned selected area electron diffraction (SAED) patterns. Var-
iations in composition of different phases were analyzed using the 
energy dispersive spectroscopy (EDS) in STEM mode. Focused ion 
beam (FIB) technique was used to section thin lamellas from the 
specimens for the TEM analysis. 

3. Results and discussion 

3.1. Initial microstructure 

The chemical composition of the hot rolled Al0.3CoCrFeNi HEA 
was estimated by taking an average of three EDS measurements 
made in different locations of the sample, Table 1. The initial mi-
crostructure in hot rolled condition prior to isothermal compression 
testing was examined using OM and EBSD imaging. The re-
presentative OM and EBSD inverse pole figure (IPF) map are shown 
in Fig. 1a and b, respectively, revealing the equiaxed grain structure. 
The average grain size based on the EBSD maps was estimated to be 
~52 µm. In addition, the XRD pattern illustrating characteristic dif-
fracted peaks corresponding to different crystallographic planes in-
dicate that the FCC is the most stable phase throughout the 
microstructure. 

3.2. Flow stress behavior 

Fig. 2a–i show typical true stress–strain curves of the 
Al0.3CoCrFeNi plotted from the hot compression data in the tem-
perature and strain rate ranges of 1023–1423 K and 10–3–10 s–1, re-
spectively. The figure clearly depicts the change in flow stress 
behavior with respect to strain rate and/or deformation tempera-
ture. Irrespective of the strain rate, at initial strains up to ~0.3 true 
strain, the flow stress increased with increasing true strain in all the 
test conditions obviously due to work hardening, which is due to the 
proliferation and movement of dislocations at initial strains. In 
general, the work hardening rate and peak stress expectedly in-
creased with a decrease in temperature and an increase in strain 
rate, i.e., with increasing Zener-Hollomon parameter (Z). 

A characteristic peak stress behavior is seen in flow curves at all 
test temperatures and low strain rates (10–2 and 10–1 s–1), followed 
by flow softening on further straining. This is a typical behavior of 
DRX that is observed during the high temperature compression of 
FCC based alloys with low or intermediate stacking fault energies 
(SFE) [27]. At higher temperatures (1323–1423 K) and lower strain 
rates (10–2–10–3 s–1), a typical peak stress and flow softening be-
havior followed by steady-state was achieved in the flow stress 
curves, suggesting that the DRX process was complete, and the grain 
growth occurred. Similarly, at 10–3 s–1 and temperatures 
1023–1073 K, features typical of softening due to flow localization 
were observed. However, with further increase in temperature 
(1123–1273 K) at 10–3 s–1, the flow softening gradually disappeared 
with flow stress behavior becoming nearly steady–state, typical of 
dynamic recovery (DRV). 

At high strain rates (1 and 10 s–1) and at all temperatures 
≤ 1123 K, typical strain hardening behavior is evident as the flow 
stress increases with strain, whereas at temperatures in the range of 
1173–1223 K, the flow softening is observed, though without any 
specific trend and at times approaching steady-state, which is re-
miniscent of a dynamic balance between strain hardening and flow 
softening due to dynamic recovery. Further, at high temperatures 
(1273–1423 K), the flow stress behavior generally remained as 
steady-state with increasing strain and temperature, without 
showing any evidence of flow softening (Fig. 2f–i) unlike seen at 
lower temperatures (≤1123 K) at the same strain rates. 

Table 1 
Chemical composition of hot rolled Al0.3CoCrFeNi based on EDS analysis.        

Elements Al Co Cr Fe Ni 
at% 6.98  ±  0.2 23.25  ±  0.1 23.89  ±  0.1 23.25  ±  0.1 22.60  ±  0.4 
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3.3. Arrhenius type constitutive equation 

The constitutive equation based on hyperbolic sinusoidal 
Arrhenius (HSA) type model that describes the flow stress of 
Al0.3CoCrFeNi at = 0.6, as explained in the supplementary section, 
can be expressed as follows: 

= + +ln
Z Z1

0.0046
·

7·10 7·10
10.6

0.6
11

1
4.32 0.6

11

2
4.32

1/2

(1) 

where the Z at = 0.6 is expressed as: 

=Z
RT

·exp
308300

0.6
(2)  

Additionally, by substituting the material constants , n, A and 
Q def in Eq. S5 (in Supplementary section), the constitutive relation-
ship between , T and at = 0.6 can be expressed as: 

= 7·10 ·[sinh(0.0046· )] ·exp ( 308300/RT)11
0.6

4.32 (3)  

In order to define the flow stress behavior of Al0.3CoCrFeNi HEA 
at different strains over a wide strain range, the material constants , 
n, Q def , and A need to be calculated through regression analysis 
considering the flow stress data at different values in the range 
0.2–0.75, at a step size of 0.05 strain. The relationships between the 

strains and material constants were fitted using sixth–order poly-
nomials (Fig. 3). Thus, the regression equations of the respective 
material constants , n and A, and Q def in the range 1023–1423 K as a 
function of strain can be reasonably described by Eqs. (4)–(7), re-
spectively, as given below: 

= + +
+

0.0108 0.0816· 0.4045· 1.055· 1.551· 1.2088
· 0.3884·

2 3 4

5 6 (4)  

= + +
+

n 21.375 102.94· 280.2· 460.17· 500.52· 346.25
· 113.51·

2 3 4

5 6 (5)  

= + +

+

Q 303.37 2359.7· 15375· 40513· 52976

· 33587· 7996.5·

def
2 3

4 5 6 (6)  

= + +
+

lnA 21.351 333.06· 2089.3· 5564.5· 7511.9
· 5026.2· 1308·

2 3

4 5 6 (7)  

3.3.1. Material parameters 

At 0.6 true strain, the ln

Tln [sinh ( )]
values varied between 5.75 

and 4.03 with the temperature varying in the range 1023–1423 K, 
and the corresponding mean value of n was estimated to be 4.32. The 
value of n is generally greater than 5 in the case of dislocation – 
precipitate interaction [16]. For example, a study by Gwalani et al. [8] 

Fig. 1. a) Optical micrograph; b) EBSD IPF map; c) XRD pattern of the hot rolled Al0.3CoCrFeNi.  
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Fig. 2. True stress – true strain curves different temperatures and strain rates.  

Fig. 3. Variation of model parameters with strain: (a) vs (b) Q def vs (c) n vs and (d) lnA vs .  
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has shown that B2 precipitate formed above 823 K. According to 
their CALPHAD predictions, B2 precipitate is thermodynamically 
stable up to 1373 K, though its stability decreases with the increase 
in temperature. In addition, a study by Tong et al. [16] on hot de-
formation behavior of Al0.3CoCrFeNi HEA has reported that the hot 
deformation at temperatures below 1223 K resulted in dynamic 
precipitation of B2 precipitates along the grain boundaries that in-
teracted with the dislocations. Eventually, the passage of disloca-
tions led to the formation of Orowan dislocation loops around the B2 

precipitates during hot deformation. Therefore, the resistance to 
dislocation motion increased with n approaching a value greater 
than 5. However, it should be noted that Tong et al. [16] reported the 
n value to be 4.87 at 0.7 strain. The lower n value in their study [16] 
might be due to the narrow test temperature range of 1023–1223 K 
with the strain rates in the range 5 × 10–4–10–1 s–1. The existence of 
B2 precipitates along the GBs was also confirmed in the current 
Al0.3CoCrFeNi alloy at 1123 K/10–3 s–1, identified by SEM investiga-
tions combined with EDS mapping, and the concerned results will be 
presented later in Section 3.4.2. Apparently, the formation of these 
precipitates must have influenced the hot deformation character-
istics and eventually increased the n–value. On the other hand, an 
increase in temperature would decrease the thermodynamic stabi-
lity of B2 precipitates, which might decrease the value of n. As de-
picted in Fig. 3c, the variation of n has been expressed as a function 
of true strain in the range 0.2–0.75 (Eq. (5)). In the current study, the 
n–value varied in the range 9.01 – 4.04. This shows that at low true 
strains, n–value at all temperatures stays high due to the combined 
effect of work hardening and resistance to dislocation motion 
caused by B2 precipitates. Further increase in strain reduced the 
value of n due to the onset of flow softening and/or steady-state 
behavior in other test conditions. 

Additionally, the material constant α, varied in the range 
0.0043–0.0048 (Fig. 3a), and the corresponding value at a true strain 
of 0.6 was 0.0046. In comparison, Tong et al. [16] reported a value of 
0.0038 at 0.7 true strain. However, their hot deformation experi-
ments were limited to a narrow temperature range of 1023–1223 K 
with the strain rate varying in the lower range of 5 × 10–4–10–1 s–1. 

Similarly, Q def was calculated at true strains in the range 0.2–0.75 
using Eq. (6). For example, at = 0.6, the calculated Q def value is 
~308 kJ/mol. In the current research work, the estimated Q def varied 
with strain in the range ~410–302 kJ/mol, as shown in Fig. 3b. This is 
because the dislocation generation is high at initial strains, and the 
motion of dislocations is restricted due to the formation of B2 pre-
cipitates. Therefore, the Q def stayed initially high, and further 
straining led to either flow softening or steady-state behavior in 
most of the test conditions, thereby reducing the Q def with an in-
crease in strain. In comparison [16], hot deformation at low test 
temperatures and strain rates resulted in Q def = 394 kJ/mol at 0.7 
true strain. 

3.3.2. Validation of the hyperbolic–sinusoidal Arrhenius–type model 
In order to check the reliability of the hyperbolic sinusoidal 

Arrhenius type model, the predicted flow stress data over broad 
ranges of temperatures, strains and strain rates are presented in  
Fig. 4. The predicted flow stress values are based on Eq. S8 (see 
Supplementary section) and Eqs. (4)–(7) for all strains in the range 
0.2–0.75. Fig. (4) shows that the agreement between the predicted 
and experimental flow stress data is satisfactory for most of the 
tests. However, the average fit of the material constants shows sig-
nificant deviations in flow stress data at high strain rates (1–10 s–1) 
and low temperatures (1023–1123 K). This is because Eq. S3 and S4 
(in the supplementary section) apply to low and high stress levels, 
respectively and the approach used is to obtain the values of n′ and β 
using the respective equations. Therefore, these small deviations can 
occur depending on the accuracy of the least squares fits and 

differences in the slopes at different temperatures [34]. Such de-
viations ultimately affect the values of material constants. 

To assess the degree of difference between the predicted and 
experimental values, a standard statistical method such as the cor-
relation coefficient (R) and the average absolute relative error 
(AARE), are used as detailed in previous work [27]. The cumulative 
AARE was 9.66%, suggesting a reasonably good fit to the experi-
mental data. The R for the least squares fit through the experimental 
data is 0.9781, revealing a good relationship between predicted flow 
stress and experimental data. Fig. 5 shows the predicted flow stress 
curves (dashed lines) plotted in comparison with the experimental 
true stress–true strain curves (full lines). The deviations in flow 
stress behaviors were significant at high strain rates, particularly at 
10 s–1 in the low temperature regime of 1023–1123 K. 

3.4. Processing maps 

The approach to the construction of 2D iso–efficiency contour 
maps and instability maps based on the concepts of DMM is pre-
cisely explained in the Supplementary section. In order to demarcate 
various deterministic domains and low efficiency and instability 
regimes, a processing map was constructed by superimposing the 
respective 2D instability contour plots (Fig. S3d) on the 2D iso-effi-
ciency contour map (Fig. S3b) at different strains ( = 0.4, 0.5 and 
0.6), as shown in Fig. 6a–c, respectively. The three processing maps 
shown in Fig. 6a–c, have a close correspondence. It is obvious that all 
the domains/regimes of the processing maps at different strains 
show almost similar characteristics. In all, two deterministic do-
mains and two low efficiency regimes with closely spaced iso–-
efficiency contours were identified in the processing map regardless 
of the strain (Fig. 6). Consequently, a conceptual processing map was 
constructed at = 0.6 marking all the domains and regimes as 
shown in Fig. 7a. The increase in strain varied the peak/ trough ef-
ficiencies of the two domains (B, C) and two regimes (D, E) as shown 
in Fig. 7b. The region marked as A is the instability regime. The 
domains with peak efficiencies, and regimes with low efficiencies 
(Fig. 7a and b) are listed as below.  

1. A domain (Region B) with a peak at ~1423 K/6 × 10–2 s–1 has a 
high efficiency in the range of ~37–46%, increasing slightly with 
increase in strain. 

Fig. 4. Comparison of Predicted vs. experimental flow–stress data of 
Al0.3CoCrFeNi HEA. 
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2. A domain (Region C) with the peak at 1123 K/10–3 s–1 has a high 
efficiency varying from ~41% at 0.2 to ~36% at 0.7 , first in-
creasing and then decreasing mildly with increase in strain. 

3. A regime (Region D) at 1223 K/10–3 s–1 has a low efficiency de-
creasing from ~23–9% with increase in from 0.2 to 0.7.  

4. A regime (Region E) at 1423 K/10–3 s–1 has a low efficiency 
varying in a narrow range from ~21% at 0.2 to 12% at 0.7 . 

3.4.1. Region B (Domain at 1423 K/6 ×10–2 s–1) 
This domain extends over the temperature and strain rate ranges 

of 1273–1423 K and 10–2– 2 × 10–1 s–1, respectively. In this domain, a 
minor increment in the peak efficiency from 37% to 46% is observed, 
as shown Fig. 7b, which is relatively uniform with an increase in 
strain. In addition, it is observed that the flow stress decreased with 
an increase in strain following the peak stress behavior in the true 
stress – strain curves (Fig. 2f–i), which is quite typical for DRX in low 
SFE materials. The current Al0.3CoCrFeNi HEA is also reported as a 
low SFE material [35–37]. The fine DRX grains distributed along prior 
elongated GBs in the IQ maps as shown in Fig. 8a–f, suggest that the 
deformation mechanism is essentially DRX. However, at 1373 and 
1423 K/10–2 s–1, the prior pancaked grains are almost non-existent 
and the microstructural reconstitution through the nucleation and 
growth of DRX grains is apparent. Further, the TEM bright field 
image of the hot deformed specimen at 1323 K/10–2 s–1 (Fig. 9a) 
depicts the co-existence of an equiaxed grain structure with low 
dislocation density suggesting the formation of DRX grains. B2 pre-
cipitates were not observed in TEM analysis and, only the FCC phase 
was detected in the DRX domain, based on the SAED pattern re-
corded on the [110] zone axis (Fig. 9b). 

Furthermore, the corresponding IQ maps superimposed over GB 
maps of the specimens deformed in the DRX domain are determined 
(Fig. 8). The 3 twin boundaries are formed along the elongated 

prior GBs within the DRX grains. The formation of abundant twins 
within the recrystallized grains is a characteristic of discontinuous 
DRX in low to medium SFE materials [38]. In addition, the presence 
of 3 twin boundaries within the recrystallized grains was also 
identified in TEM bright field image of another location of the spe-
cimen at 1323 K/10−2 s−1, as shown in Fig. 9c. A SAED pattern re-
corded from the selected location as marked in Fig. 9c clearly shows 
reciprocal lattice reflection from the 3 twin spots in addition to the 
primary FCC reflections from [011] (Fig. 9d). 

The rise in temperature resulted in an increase in DRX grain size, 
3 twin boundaries, and area fractions of DRX grains ( fDRX), as 

shown in Table 2, but the corresponding values decreased with the 
increase in the strain rate. At a lower strain rate of 10–2 s–1, the peak 
stress was reached at relatively low strain resulting in an early onset 
of DRX and hence, resulting in increased DRX grain size, 3 twin 
boundaries and fDRX . On the contrary, at 1423 K/10–1 s–1, there is a 
minor decrease in average DRX grain size, 3 twin boundary frac-
tion, and fDRX , compared to that at 1373 K/10–1 s–1. This is pre-
sumably due to somewhat accelerated nucleation and growth of 
new DRX grains at 1423 K/10–1 s–1 (Fig. 9d). A minor increase in the 
fraction of LAGBs in the specimen tested at 1423 K/10– 1s–1 further 
confirms the increased instances of DRX at relatively high tem-
peratures. Additionally, the fraction of recrystallized area (blue co-
lored region in GAM map in Fig. 10) increased with an increase in 
temperature and strain rate. 

In earlier studies [15] the evolution of DRX along the prior grain 
boundaries, was observed due to the hot deformation of FCC 
Al0.3CoCrFeNi at 1303 K/5 × 10−3 s–1. In addition, Patnamsetty et al.  
[29] and Ghosh et al. [33] noticed the existence of 3 twin bound-
aries within DRX grains in the low SFE CoCrFeMnNi during hot de-
formation in DRX domain covering the temperature and strain rate 
ranges of 1223–1323 K and 10–2–5 × 10–1 s–1, respectively. 

Fig. 5. Predicted flow stress curves based on hyperbolic–sinusoidal Arrhenius type model vs. experimental true stress–strain curves at different temperatures and strain rates.  
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3.4.2. Region C (Domain at 1123 K/10–3s–1) 
This domain extends over a strain rate range of 3 × 10–3–10–3 s–1 

and a temperature range of 1073–1148 K. The representative optical 
micrographs of the specimens isothermally compressed at 1073 and 
1123 K at the strain rate of 10–3 s–1, i.e., in the vicinity of the peak 
efficiency location, are presented in Fig. S4a and b, respectively. Both 
the micrographs show the presence of elongated grains structures 

and hence the domain can be broadly called as DRV domain. How-
ever, a close examination showed traces of very fine grains along the 
GBs in some locations, presumably as a consequence of inefficient 
DRX or even static recrystallization (SRX), marked with arrows in the 
inset of the EBSD IQ map of the hot deformed specimen at 1123 K/ 
10–3 s–1 (Fig. 11a). The presence of 3 twin boundaries (red colored) 
within fine grains is also visible in the inset of Fig. 11a. However, 

Fig. 6. Processing maps of Al0.3CoCrFeNi HEA at different strains: (a) ε = 0.4, (b) ε = 0.5 and (c) ε = 0.6. The region marked as red represents the instability regime.  

Fig. 7. a) A conceptual processing map marking various domains (B, C), low efficiency regimes (D, E) and instability regime (A). b) Variation of the efficiency of power dissipation 
( ) with strain for the domains (B, C) and low efficiency regimes (C, E) in the processing map. 
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there is no substructure noted in the fine grains. In addition, the 
GAM map shows the traces of recrystallized grains, marked by blue 
color in some areas, though its mechanism of formation is not clear 
(Fig. 11c). 

Additionally, from the inset of EBSD phase fraction map (Fig. 11b), 
the red colored dots, as indicated by an arrow, point to the presence 
of small formations of B2 precipitates (BCC) along the prior GBs 
adjacent to the fine grains. However, fine precipitates (< 80 nm), if 
any, cannot be resolved by EBSD due to its limit of resolution. At high 
magnification, SEM back scattered electron (BSE) image (Fig. S5) 
clearly revealed the existence of precipitates along the grain 
boundaries. The corresponding EDS maps showed an enrichment of 
Al and Ni in these precipitates (see Table S1), suggesting the possible 
dynamic precipitation of B2, which might have stimulated dynamic 
or static recrystallization, as it is well known that low SFE materials 
undergoing hot deformation often display discontinuous DRX [39]. 
Besides GBs, even subgrain boundaries, second phase particles, and/ 
or shear/deformation bands act as possible nucleation sites for the 
onset of DRX [39]. It is possible that the particle stimulated nu-
cleation (PSN) at Al–Ni rich B2 precipitates led to the occurrence of 
fine grains at the GBs, as is evident in the case of the hot deformed 
sample at 1123 K/10–3 s–1 (Fig. 11a, b). However, it is difficult to 
presume the occurrence of DRX in the absence of substructures, and 
there is a strong dependence of the occurrence of DRX on strain rate, 
which is relatively high for low SFE materials. All the same, it is 
possible that following dynamic precipitation, limited static re-
crystallization occurred at the B2 precipitates during subsequent 
cooling; the stored energy being the driving force for limited SRX. 
During hot deformation, PSN gives rise to a high local lattice mis-
orientation around the precipitates. These B2 precipitates can act as 
potent nucleation sites for new recrystallized grains; with nuclea-
tion at a pre-existing subgrain boundary and growth through rapid 
sub-boundary migration as the main mechanisms during PSN [39]. 

Under similar test conditions Tong et al. [16] had detected B2 

precipitates and Orowan dislocation looping around the B2 

precipitates. Normally, the GB cracks can occur at low strain rates 
and low temperatures [14]. But in this case, B2 precipitates restricted 
the motion of dislocations by Orowan mechanism, that eventually 
restricted the pile-up of dislocation along the GBs. In general, the 
domain can be considered as a dynamic Recovery domain with 
varying in a narrow range ~41–36% as a function of strain, though 
the domain is marked by limited formation of fine grains at the GBs 
in some locations, which needs further investigation. 

3.4.3. Region D (Low efficiency regime at 1223 K/10–3 s–1) 
This regime extends over a temperature range of 1148–1298 K 

occurring at a relatively low strain rate in the range 5 × 10–3–10–3 s–1. 
The regime exhibits a low value dropping sharply with strain from 
~23% at 0.2 strain to ~9% at 0.6 strain, and thus, the mechanism in 
this regime needs to be established. The low and high magnified 
micrographs of the specimens at 1223 K/10−3 s−1 (Fig. S6 a, b) show 
fine and equiaxed grains along the elongated GBs (necklace-type 
structure) that often contain substructures. Apparently, it seems that 
there is a possible occurrence of DRX in this regime, though this 
region is actually a trough with continuously decreasing value 
towards the center of the trough. As in the case of DRV domain at 
1123 K/10–3 s–1, the presence of substructures within the elongated 
grains and existence of second phase particles noticed along the 
grain boundaries can be seen in the current regime, as shown in SEM 
micrographs (Fig. S6c, d). The presence of fine DRX grains together 
with 3 twin boundaries (red colored) is clearly visible along the 
prior/elongated GBs, as presented in the EBSD IQ map (Fig. 12a). In 
addition, the GAM map further exhibited the recrystallized grains 
(blue colored region), as shown in Fig. 12c. Presence of B2 pre-
cipitates adjacent to the recrystallized grains was detected through 
EBSD phase map as well (Fig. 12b). 

The existence of dislocation substructures was observed in STEM 
image, as shown in Fig. S7a along with the presence of fine pre-
cipitates. The EDS maps (Fig. S7b–f) clearly revealed that the pre-
cipitates were enriched with Ni and Al confirming the formation of 

Fig. 8. Image quality (IQ) maps of Al0.3CoCrFeNi HEA deformed at (a)1273 K/10–1 s–1; (b) 1323 K/10–1s–1; (c)1373 K/10–1s–1; (d) 1423 K/10–1 s–1; (e)1273 K/10–2 s–1; (f) 1323 K/10–2 

s–1; (g)1373 K/10–2 s–1; (h) 1423 K/10–2 s–1. 
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B2 precipitates [16]. Further, the high magnification TEM bright field 
images of the precipitates are shown in Fig. 13a and c. The corre-
sponding SAED patterns (Fig. 13b and d), were recorded on the [111]
and [001] zone axes of the precipitates marked by circles in Fig. 13a 
and c, respectively, revealing BCC crystal structures. According to 
TEM observation, it can be further confirmed that these precipitates 
correspond to B2 type. Moreover, recrystallized grains were noticed in 
the vicinity of the precipitates with the presence of dislocation cells 
around them, as shown in Fig. S7a. During deformation, the possibility 
of cross slip of dislocations may be effectively hindered by these pre-
cipitates, leading to the formation of subgrains. B2 precipitates formed 
during deformation at low strain rates (1223 K/10–3 s–1), further 

provide heterogeneous sites for PSN and limited growth of DRX grains, 
as described in previous Section 3.4.2. 

It is surprising that the regime does not show occurrence of any 
defects or cracks, even though the efficiency of power dissipation 
remained low and continued to drop sharply as closely spaced iso- 
efficiency contours. It is tentatively presumed that the main micro-
structural mechanism in this regime is the occurrence of dynamic 
precipitation during hot deformation, which is probably a me-
chanism with the low efficiency of power dissipation. The efficiency 
drops further with the growth of the precipitates or inefficient PSN 
of DRX grains at these precipitates, with the growth restricted due to 
the presence of precipitates, and continued deformation making the 

Fig. 9(a) TEM bright field image at 1323 K/10–2 s–1, (b) the SAED pattern recorded from the selected location as encircled by yellow color in Fig. 9a along the [011] zone 
axis, (c) TEM bright field image from the selected location at 1323 K/10–2 s–1, contained twins, (d) SAED pattern recorded from the selected location as encircled by yellow 
color in Fig. 9 c. 

Table 2 
DRX grain size, area fraction of recrystallized grains in the DRX domain, different grain boundary fractions and 3 twin boundary fractions.         

Strain rate Temperature (K) D ( m)DRX fDRX (%) LAGBs (%) HAGBs (%) 3 Twin boundaries (%)  

10–1  1273 5.36  26.80  60.82  39.18 7.56  
1323 6.78  27.90  59.65  40.35 10.30  
1373 16.02  61.00  34.98  65.02 29.90  
1423 12.36  55.40  37.27  62.73 23.00 

10–2  1273 6.13  20.70  59.51  40.49 9.58  
1323 10.96  40.40  45.99  54.01 18.00  
1373 19.93  57.80  24.01  75.99 32.60  
1423 30.41  66.40  26.22  73.78 33.80    
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process less efficient in respect of power dissipation because of the 
hindrance to the dislocation motion by the dynamically precipitated 
B2 particles. 

3.4.4. Region E (Low efficiency regime at 1423 K/10–3 s–1) 
This regime occurs in the bottom right corner of the processing 

map, in the temperature range of 1323–1423 K and a narrow strain 
rate range of 5 × 10–3–10–3 s–1. This regime showed a sharp decrease 
in value with closely spaced iso–efficiency contours. The value at 
1423 K/10–3 s–1 was recorded as 21.4% at 0.2 , dropping further to 
11.7% at 0.7 . The micrographs at 1373 K/10–3 s–1 and 1423 K/10–3 s–1 

clearly revealed nucleation of wedge cracks along the GB triple point 
junction, etc., as marked by arrows in Fig. 14a and b. In this condi-
tion, there is a possibility of extensive grain growth due to annealing 
at high temperatures. However, this regime is not desirable for hot 
working due to the sharp decrease in value, the formation of 
wedge cracks along the triple–point junctions of the GBs and grain 
coarsening. 

3.4.5. Region A (instability manifestation) 
The flow instability is expected to manifest in the microstructure, 

whenever the instability parameter ( ) value turns negative. The 
regions marked with red color in the processing map (Fig. 6c) cor-
respond to the instability regime, as demarcated by negative values 
of ( ) in the instability map constructed for a true strain of 0.6, Fig. 
S3d. Deformation within this regime may exhibit the manifestation 
of various microstructural defects, such as GB cracks, adiabatic shear 
bands and flow localization [40]. In order to validate the regime, a 
detailed microstructural evaluation was performed for the selected 
specimens corresponding to the instability regime. It is observed 
that the increase in strain rate increased the temperature range of 
the instability regime. At strain rates ≥ 3 × 10–1 s–1, the instability 
regime covered the entire temperature range, Fig. 6a–c. This is be-
cause the time available for the dislocation motion to avoid the 
defects decreases with the increase in strain rate. 

The instability region at 10–2 s–1 extends to a short temperature 
range of 1023–1073 K. At low strain rates between 10–2–10–1 s–1, the 
flow curves (Fig. 2a–c) showed mild softening behavior that de-
creased with an increase in the strain rate. A representative optical 
micrograph of this region corresponding to the specimen deformed 
at 1023 K/10–2 s–1 is shown in Fig. 15a, revealing intense cracks along 
the grain boundaries. The GB cracks or sliding can occur at low strain 
rates and temperatures, as the slower dislocation motion render the 
distribution of the dislocations non–uniform, thereby causing dis-
location pile–up along the GBs and facilitating GB cracks. [14]. With 
the increase in temperature, the GB cracking tendency decreases 
with enhanced dislocation passage. Patnamsetty et al. [29] reported 
the hot deformation behavior of an FCC CoCrFeMnNi HEA, where the 
tendency of GB cracking was clearly revealed for a regime extending 
over strain rate and temperature ranges of 10–3–10–2 s–1 and tem-
peratures range 1023–1123 K, with the tendency of GB cracking 
decreasing with the increase in temperature. 

Further increase in strain rate to 3 × 10–1 s–1 extended the in-
stability regime over the entire temperature range from 1023 to 
1423 K. The flow stress curves at 1023–1123 K at the strain rates of 1 
and 10 s–1 (Fig. 2a–e) have shown work hardening behavior, which 
resulted in generation of high dislocation density. At low tempera-
tures, i.e., ≤ 1223 K and at strain rates >  3 × 10–1 s–1, work hardening 
resulted in the microstructural changes such as dislocation glide and 
grain distortion, in addition to the occurrence of the visco–plastic 
heat. If the respective visco–plastic heat generated doesn’t have 
sufficient time to escape or dissipate, the localized deformation due 
to the heating can lead to the formation of the adiabatic shear bands  
[14]. Fig. 15b and c confirm the existence of adiabatic shear bands 
and distorted grains in samples deformed at 1023 K/1 s–1 and 
1223 K/1 s–1, respectively. A similar behavior of instabilities was 
previously observed in the case of CoCrFeMnNi deformed at 
1023–1223 K/1–10 s–1 [29]. The effect of adiabatic shear band for-
mation and grain distortion decreased with an increase in tem-
perature and a decrease in strain rate. The presence of shear bands/ 

Fig. 10. GAM maps of Al0.3CoCrFeNi HEA deformed at (a)1273 K/10–1 s–1; (b) 1323 K/10–1s–1; (c)1373 K/10–1s–1; (d) 1423 K/10–1 s–1; (e)1273 K/10–2 s–1; (f) 1323 K/10–2 s–1; (g) 
1373 K/10–2 s–1; (h) 1423 K/10–2 s–1. 
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Fig. 11. a) IQ map, b) Phase fraction map & c) GAM map of Al0.3CoCrFeNi alloy hot deformed at 1123 K/10–3 s–1 (Insets of the specific cross section included with higher 
magnification). 
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Fig. 12. a) IQ map, b) Phase fraction map & c) GAM map of Al0.3CoCrFeNi HEA hot deformed at 1223 K/10–3 s–1.  
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Fig. 13. TEM bright field image of the precipitates (a, c) and the corresponding SAED patterns (b, d).  

Fig. 14. Optical micrograph of Al0.3CoCrFeNi HEA hot deformed at (a) 1373 K/10–3 s–1, (b) 1423 K/10–3 s–1.  
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flow localization and highly deformed grains is clearly seen in  
Fig. 15d, which shows the decrease in the effect of grain distortion 
with most of the grains in highly deformed condition. Therefore, the 
hot deformation behavior changes from work hardening to other 
mechanisms with an increase in temperature, such as the occur-
rence of DRX in the adiabatic shear bands at intermediate and high 
strain rates in the case of low SFE materials. 

At higher temperatures >  1223 K, the flow stress curves showed 
softening behavior at 1 s–1 after a peak stress around 0.4 – 0.5 ,  
Fig. 3(f)–(i). It is observed that the deformation mechanism changed 
with an increase in temperature from work hardening to the for-
mation of recrystallized grains along the instabilities, such as shear 
bands and/or localized deformation in grains. The specimen de-
formed at 1423 K/1 s–1 exhibited a small fraction of DRX gains 
formed along the shear bands (Fig. 15e). In addition, the occurrence 
of some texture is apparent, suggesting a preferred orientation of the 
elongated grains and random orientation of the DRX grains. Finally, 
at high temperatures (> 1223 K) and at the highest strain rate in our 
case (10 s–1), the flow stress curves showed a steady-state behavior,  

Fig. 3f – i. The representative micrograph at 1423 K/10 s–1 (Fig. 15f) 
showed fine DRX grains occurring along the GBs oriented along the 
deformation bands. Therefore, as explained above this regime is not 
safe for hot working, due to the manifestation of instabilities. 

3.4.6. Summary of hot deformation mechanisms 
Based on the outcome of dynamic material modelling and con-

stitutive flow behavior supported by the microstructural character-
ization, a conceptual processing map (Fig. 7a) was proposed, for hot 
working of Al0.3CoCrFeNi in the temperature range of 1023–1423 K 
and strain rate range of 10–3–10 s–1. The DRX domain extending over 
the temperature range of 1273–1423 K and strain rate range of 
2 × 10–2–10–3 s–1, is identified as a ‘safe’ workable domain for the 
alloy. Furthermore, the DRV domain at 1123 K/10–3 s–1 and the low 
efficiency regime at 1223 K/10–3 s–1 showed the formation of B2 

precipitates that act as nucleation sites for DRX grains via PSN me-
chanism. However, the precipitation of B2 phase is sluggish in the 
DRV domain, and the dominant microstructural mechanism still 
remains to be dynamic recovery. Table 3 lists the values of 

Fig. 15. Optical micrograph of Al0.3CoCrFeNi HEA hot deformed (a) 1023 K/10–2 s–1; (b) 1023 K/1 s–1; (c)1223 K/1 s–1; (d) 1423 K/1 s–1; (e) 1223 K/10 s–1; (f) 1423 K/10 s–1.  
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dimensionless parameters ( and ) of different domains / regimes 
along with their operating microstructural mechanisms. 

4. Conclusions 

This study encompasses the evaluation of constitutive flow be-
havior, dynamic microstructural evolution, and hot workability of a 
hot rolled Al0.3CoCrFeNi based on the experimental true stress–true 
strain data obtained via isothermal hot compression testing on a 
Gleeble simulator, over the broad temperature ranges of 
1023–1423 K and strain rate range of 10–3–10 s–1, respectively, de-
formed to a true strain of ~0.75. A hyperbolic–sinusoidal 
Arrhenius–type constitutive equation was developed to describe the 
constitutive flow stress behavior over a true strain range of 0.2 – 
0.75. In order to assess the intrinsic workability of the alloy, the 
DMM principles were used to construct a processing map, char-
acterize the dynamic materials behavior, and identify a ‘safe’ pro-
cessing window suitable for the deformation processing of the alloy. 
The following conclusions can be drawn from this work:  

1) The flow curves showed peak stress behavior at lower strain rates 
(10–3–10–1 s–1), followed by flow softening. In addition, at tem-
peratures ≤ 1123 K and strain rates >  1 s–1, the flow stress values 
increased with an increase in strain, apparently due to enhanced 
strain hardening as a result of continued deformation. Further 
increase in temperature at high strain rates resulted in flow stress 
behavior becoming nearly steady – state with increased straining.  

2) An Arrhenius type hyperbolic–sinusoidal constitutive equation 
was established for high temperature deformation in the true 
strain range of 0.2 – 0.75 and the equation is valid for the tem-
perature and strain rate ranges of 1023–1423 K and 10–3–10 s–1 

respectively. The activation energy of deformation (Q def ) and 
material constants (A, and n) were determined and linked with 
their dependence on strain. Polynomial equations (6th order) 
were developed by the regression analysis of the flow stress data 
to express the material constants as a function of strain for this 
alloy.  

3) The Q def at = 0.6 was calculated to be ~308 kJ with the stress 
component =n 4.318. This Q def value decreases from ~410 to 
~302 kJ/mol with an increase in true strain (ε) value from 0.2 to 
0.75. A comparison of the experimental and predicted flow stress 
data suggests AARE and correlation coefficient R of 9.66% and 
0.9781, respectively, thus confirming the suitability of con-
stitutive equations in predicting the flow stress over a broad 
temperature, strain rate, and strain conditions.  

4) A processing map was developed using the principles of DMM, 
thereby identifying various domains, and low efficiency and in-
stability regimes typical of various microstructural mechanisms 
occurring during hot deformation under the respective condi-
tions. The domain extending over 1273–1423 K/10–2–2 × 10–2 s–1 

was identified as the ‘safe’ workable domain comprising DRX as 
the operating microstructural mechanism.  

5) A DRV domain was identified extending over 1048–1148 K/ 
10–3–3 × 10–3 s–1. The presence of traces of fine grains along the 
boundaries has been correlated to the formation of B2 pre-
cipitates that triggered PSN of dynamically or even statically re-
crystallized grains. However, the dominant microstructural 
mechanism in this domain is DRV.  

6) The deformation in the temperatures range of 1148–1298 K at 
low strain rates in the narrow range of 5 × 10–3–10–3 s–1 led to the 
dynamic precipitation of B2 precipitates, which resulted in PSN of 
DRX grains, though was low (9%) and continued to drop to-
wards the center of the regime (1223 K/10–3 s–1). Tentatively, it 
seems that the interaction of DRX grain boundaries with pre-
cipitates resulted in a reduction of the dissipation of power 
through microstructural mechanisms, thus lowering ~ . Ta
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7) The entire deformation space above 3 × 10–1 s–1 practically falls in 
the instability regime, which is not suitable for hot working. At 
lower strain rates between 10–2–10–1 s–1, the deformation region 
below 1123 K also falls under the instability regime. This regime 
is prone to various microstructural defects such as adiabatic 
shear bands, flow localization and GB sliding/cracking, etc. In 
addition, a small cracking regime was identified in the high 
temperature and low strain rate region extending over 
1323–1423 K and 5 × 10–3–10–3 s–1, respectively. The regime with 
closely spaced iso–efficiency contours has shown a sharp de-
crease in the efficiency of power dissipation (12%) and the mi-
crostructural mechanism in this region was identified as the 
formation of wedge cracking/cavitation, particularly at triple–-
point junctions of the GBs. 
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