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A B S T R A C T   

Medium manganese steel grades heat treated with the quench and partition (Q&P) treatment have shown 
promising results of strength and formability, but the number of studies on high aluminum medium manganese 
Q&P steels still remains rather limited. Consequently, this study investigates the mechanical properties, behavior 
and microstructures of a low carbon-high aluminum medium manganese (3%) steel after intercritical annealing 
and subsequent Q&P heat treatments with varying heat treatment parameters. Samples that were intercritically 
annealed above 760 ◦C showed an ultimate tensile strength (UTS) of around 1500 MPa with uniform elongation 
values of approximately 10%. On the other hand, the samples annealed at 740 ◦C showed somewhat lower UTS 
values (in the range of 1000 … 1200 MPa) but much higher uniform and total elongations, i.e., considerably 
improved formability. However, the stress-strain curves of the samples annealed at 740 ◦C showed rather severe 
serrations that can be connected to the dynamic strain aging (DSA) phenomena, which limits the usability of the 
steel especially in applications where good surface quality of the deformed (sheet) is required. Therefore, the 
main focus of this article is on the samples annealed at temperatures close to A1, where DSA serrations tend to 
appear. The evidence gathered from these investigations leads to the conjecture that the DSA serrations are due 
to the free carbon and nitrogen originating from the dissolution of M(C,N) and M2(C,N) type carbides, which 
were formed during the intercritical annealing at temperatures producing less than 50% of the austenite phase. 
Other reasons for the occurrence of DSA in the current test materials can be the scarcity of martensite and the 
morphology of the retained austenite.   

1. Introduction 

To reduce carbon emissions and to ensure passenger safety, the 
automobile sector increasingly favors the use of lighter and stronger 
steels in many of the vehicle components. This demand has led to the 
development of new ‘generations’ of advanced high strength steels 
(AHSS). The current ‘third generation’ of AHSS includes, for instance, 
medium manganese steels, carbide free bainitic (CFB) steels, and quench 
and partition (Q&P) steels [1]. 

Quenching and partitioning is a heat treatment process that has been 
investigated in particular by Speer and co-workers, who in 2005 pub-
lished an overview and progress report of the process [2]. In short, the 
Q&P heat treatment cycle consists of full or partial austenitization, fol-
lowed by interrupted quenching between the martensite start 

temperature (Ms) and the martensite finish temperature (Mf), and par-
titioning above Ms. The process takes advantage of carbon partitioning 
from martensite to austenite, which lowers the Ms temperature, thereby 
stabilizing austenite to room temperature (RT). The kinetics of carbon 
partitioning from martensite to austenite are described for example by 
Speer et al. [3]. In another investigation, Speer et al. [4] also developed 
a model, which estimates the fraction of retained austenite after parti-
tioning as a function of the quenching temperature. The model assumes 
full partitioning of carbon from martensite to austenite and neglects the 
formation of carbides. The model uses the Ms temperature and 
martensite transformation equations to predict the final austenite frac-
tion. Several researchers have used this model successfully to predict the 
retained austenite content in the final microstructure at room temper-
ature after the Q&P treatment [5–7]. 
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Since the invention of the Q&P treatment, different steel grades have 
been examined for their microstructure and properties by modifying the 
Q&P process parameters. For example, both fully and partially auste-
nitized low-to-medium carbon steels with different Mn contents have 
been investigated after the Q&P treatments [8–13]. Seo et al. [14] 
conducted Q&P heat treatments using varying quench temperatures to 
investigate the effect of the quench temperature on the microstructure 
and mechanical properties of a 4% Mn steel. They concluded that the 
amount of retained austenite and its carbon content depend on the 
martensite fraction formed during quenching. The effects of varying 
partitioning times and temperatures on the Q&P heat treatment out-
comes have also been quite widely reported in the literature. For 
example, Ayenampudi et al. [15] applied the Q&P heat treatment to a 
medium manganese (4.5%) steel using different temperatures and 
concluded that, at the partitioning temperature of 450 ◦C, carbide pre-
cipitation can take place, but if the partitioning temperature is between 
500 ◦C and 600 ◦C, pearlite can form. Hajyakbary et al. [16], in turn, 
reported the formation of carbide free bainite at the partitioning tem-
perature of 400 ◦C, when the quenching temperature was between 
220 ◦C and 260 ◦C and the partition time was over 50 s. Recent studies 
conducted on low carbon high aluminum steels [12,13] show that these 
steels offer good combinations of strength and ductility when heat 
treated with proper Q&P parameters. However, studies related to the 
intercritical annealing of low carbon-high aluminum medium manga-
nese (3%) steels close to the A1 transformation temperature are limited, 
and therefore more investigations are needed to better understand the 
microstructures, mechanical properties and behavior following from the 
application of the Q&P heat treatment after the intercritical annealing of 
steels in this temperature range. 

In a tensile test conducted at a constant crosshead or piston 
displacement rate, sometimes ‘serrations’, appearing as irregular load 
drops or vibrations in the obtained stress-strain curve, can be observed. 
This phenomena is commonly known as the Portevin Le-Chatelier (PLC) 
effect, which is caused by the non-steady plastic flow due to the local-
ization of plastic deformation into the so-called deformation or PLC 
bands [17–19]. The localized plastic deformation and the generation of 
the deformation bands, in turn, are associated with the dynamic strain 
aging (DSA) effect [20–22]. 

Rodriguez [20] explained the condition for load or stress drops in a 
tensile test with the following simple equation: 

ε̇= ε̇p +
1
Es

σ̇ (1)  

where ε̇ is the total (imposed) strain rate, ε̇p is the plastic strain rate in 
the specimen, σ̇ is the stress rate in the specimen at any instant of time, 
and Es is the elastic modulus of the specimen-machine system. At any 
instant of time, when the plastic strain rate ε̇p in the specimen 
momentarily exceeds the imposed strain rate ε̇, the load in the testing 
system (and consequently the stress in the specimen) must drop to keep 
Equation (1) fulfilled. Rodriguez [20] further explained the different 
types of serrations caused by DSA and coined them as A, B, C, D and E 
types of DSA, as depicted in Fig. 1. The five types of DSA can be briefly 
described as follows [20]:  

i. The A type DSA serrations are termed ‘periodic locking and 
unlocking serrations’. Each serration corresponds to the initiation 
of a deformation band at the same end of the specimen, which 
then propagates over the length of the specimen and causes the 
sample to deform. When the band reaches the end of the sample, 
the sample continues to deform by the initiation of a new 
deformation band and the cycle continues.  

ii. The B type DSA serrations are seen as fine oscillations in the 
stress-strain curve, arising from the discontinuous propagation of 
the deformation band due to DSA of the moving dislocations in-
side the band.  

iii. The C type serrations occur at higher temperatures and lower 
strain rates than the A and B types, and are seen as yield drops 
below the general level of the stress-strain curve.  

iv. The D type DSA appears as plateaus or stairs in the plastic flow 
curve, developing from the deformation band propagation with 
little to no work hardening. In the literature, quite little has been 
reported about the occurrence of the D type DSA.  

v. The A type DSA can change to E type DSA at high strains. The E 
type serrations are similar to the A type, but with no work 
hardening taking place during the band propagation. 

Although several explanations have been presented for the occur-
rence of DSA at the atomic level, none of them has been conclusively 
confirmed and the topic still remains debatable. The first theory related 
to the DSA effect was presented by Cottrell [23], according to which the 
dislocations interact with the interstitial solute atoms (such as C and N) 
in a solid solution. The interstitial solute atoms impede the movement of 
dislocations, which eventually become pinned in the regions of solute 
atoms. When sufficient stress builds up and the pinned dislocations 
overcome the critical energy barrier to continue their movement, rapid 
unpinning of dislocations occurs. This alternating rapid pinning and 
unpinning of dislocations is seen as load or stress drops in the 
stress-strain curve, i.e., as the PLC effect. The interstitial atom atmo-
spheres where the dislocations become pinned are commonly known as 
the Cottrell clouds. 

The motion of dislocations is discontinuous, or ‘jerky’, during plastic 
deformation, i.e., the dislocations become temporarily stopped at the 
obstacles and then break free and continue their glide along the slip path 
[24]. The condition for the occurrence of DSA is based on the ‘arrest or 
waiting time (tw)’ of the dislocations at the obstacles and the ‘ageing 
time (ta)’, i.e., the time required by the diffusing (interstitial) atoms to 
reach and ‘lock’ the temporarily stopped dislocations. According to 
McCormick [24], if tw is long enough, or in other words tw ≈ ta, the 
solute atoms can temporarily lock the dislocations and serrated flow 
may take place. Beukel [25] built up on McCormick’s theory and 
established relations between stress, strain, temperature, and strain rate 
for the occurrence of DSA. In 1982, Beukel and Kocks [26] discussed the 
connection between strain rate sensitivity and SSA (static strain aging) 
and DSA. They proposed that the ‘interaction strength’ between solutes 
and dislocations in bcc/fcc interstitial and substitutional alloys varies, 
and this is why the mechanism of strain aging can be distinct between 
different alloys. They also calculated the strain rate sensitivity and flow 
stress in strain aging by taking into account the ‘interaction strength’. In 
1988, McCormick [27] further added that when the dislocations get 
pinned by the solute obstacles, there is a local change in the solute 

Fig. 1. Types of DSA serrations (adopted from Ref. [20]).  
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composition at the locked dislocations. He presented constitutive 
equations that take into account the local change in the composition of 
the solute atoms during serrated flow to calculate the critical strain for 
the onset of DSA. 

For example in ferritic steels, DSA has been reported to occur at room 
temperature [28,29] and as well as at temperatures in the range of 
80–500 ◦C [30–33]. The authors [18,28–33] have proposed that the 
occurrence of DSA in ferritic steels is related to the interaction of dis-
locations with carbon and/or nitrogen interstitials during the plastic 
deformation. The presented reasonings agree with the classical theories 
of DSA [23–27]. 

In 2011, Lee et al. [34] reported A type DSA serrations in high 
manganese austenitic twinning induced plasticity (TWIP) steels at room 
temperature. They explained the occurrence of DSA in the TWIP steels 
by diffusive jumps of carbon atoms in the Mn–C defect complexes. Jung 
et al. [35] also reported DSA in TWIP steels and presented a similar 
explanation as proposed by Lee et al. [34]. 

DSA in an intercritically annealed TRIP (transformation induced 
plasticity) steel was observed by Emadoddin et al. [36], and they pro-
posed that in this type of steel SSA and DSA occur due to the difference in 
the carbon content in bainitic ferrite, polygon ferrite, and retained 
austenite obtained at different annealing temperatures. However, the 
specific phase in which strain aging occurs was not specified in this 
article. Queiroz et al. [37] suggested that in dual phase steels DSA occurs 
in ferrite and is not affected by the presence of martensite or by carbides 
in it. DSA in a medium manganese ferritic-austenitic steel was studied by 
Binhan et al. [38], who observed that in this steel grade the PLC bands 
are seen in the stress strain curves at almost the same instant when 
austenite is transformed to martensite. Although they did not provide an 
explanation for the stated relation between DSA and the TRIP effect, 
they proposed that the difference in the austenite stability (due to the 
variation in the C and Mn contents at the intercritical annealing tem-
peratures) might affect the martensite transformation kinetics. Wang 
et al. [39] investigated the appearance of Luder’s and PLC bands in an 
intercritically annealed medium manganese TRIP steel. Their study 
showed that much of the transformation from austenite to martensite 
occurs in the Luder’s band and very little of the TRIP effect takes place in 
the PLC bands. The work of Callahan et al. [40,41] on intercritically 
annealed 5% Mn TRIP steel, in turn, showed that DSA serrations and the 
TRIP effect occur at similar strain values in a uniaxial tensile test. They 
also proposed that the occurrence of the PLC bands is related to austenite 
stability and that the PLC bands can nucleate and propagate without 
martensite transformation. The effect of dislocation densities on the 
unstable plastic flow was investigated by Han et al. [42] using a 7% Mn 
steel undergone intercritical annealing. They proposed that discontin-
uous yielding takes place in globular ferrite because of its low disloca-
tion density. Wang et al. [43] also proposed that the difference in the 
dislocation densities leads to heterogenous plastic flow, and that this 
applies to both bcc and fcc phases in a multiphase steel. From the above 
results and claims, it can be summarized that the origin of DSA in 
multiphase steels is still rather poorly understood at the microscopic 
level. 

The mechanism(s) of DSA have been studied for example, in Al–Mg 
alloys [17,44] and Au–Cu alloys [45], but the corresponding studies on 
steels remain rather scarce. The studies on steels have mostly focused on 
the phenomenological explanation of DSA at varying temperatures and 
strain rates [18,46,47], but a few studies have tried to explain the DSA 
phenomena also in steels at the atomic level [29,33]. The current 
research work focuses on the occurrence of DSA in an intercritically 
annealed and Q&P heat treated low carbon high aluminum medium 
manganese steel at low strain rates at room temperature. This article, in 
turn, concentrates mainly on the questions related to the selection and 
effects of the Q&P parameters on the DSA phenomena in the studied 
steel grade. 

1.1. Methods and materials 

The steel grade used in this work is a low carbon high aluminum 
manganese steel, the chemical composition of which in weight percent is 
given in Table 1. The steel was vacuum melted in an induction furnace as 
slabs with a thickness of 55 mm. The slabs were homogenized at 1250 ◦C 
for 2 h, followed by hot rolling. The steel was hot rolled to 3 mm 
thickness with a reduction of approximately 30%, and the finish rolling 
temperature (FRT) was 880 ◦C. The slabs were slowly cooled to room 
temperature inside the furnace. The samples were then cold rolled to 1.5 
mm thickness with 50% reduction and cut into bars with dimensions of 
10 × 100 mm. The cutting direction was transverse to the rolling 
direction. 

1.2. Quench and partition treatments 

Different quench and partition treatments were performed on cold 
rolled 10 × 100 mm bars, starting from the intercritical annealing 
temperatures of 820 ◦C, 780 ◦C and 740 ◦C, which correspond to the 
austenite fractions of approximately 60%, 50% and 40%. The calculated 
A1 and A3 temperatures of the steel were 717 ◦C and 914 ◦C, respec-
tively. The volume fractions of austenite at the intercritical annealing 
temperatures and the phase transformation temperatures A1 and A3 
were determined using the CALPHAD JMatPro® (version 12.4) soft-
ware. The quench temperatures were estimated using the Speer’s 
method [4]. The athermal progression of the austenite transformation to 
martensite was calculated using the Lee-Van-Tyne equation [48], and 
the Ms temperature using the Capdevila’s equation [49]. The Speer’s 
method for estimating the optimal retained austenite fraction [4] can be 
used for fully austenitized as well as for intercritically annealed speci-
mens. According to Refs. [2,50], the Speer’s method/model can also be 
used for intercritically annealed samples, provided that the initial car-
bon content in the austenite at the intercritical annealing temperature is 
used in the model. In this work, the quench stop temperatures (in the 
conducted Q&P heat treatments) were calculated using the initial car-
bon content in the austenite at the partial annealing temperatures. The 
initial carbon content in the austenite at 820 ◦C was 0.39 wt%, at 780 ◦C 
0.49 wt%, and at 740 ◦C 0.61 wt%. Also for the determination of the 
carbon contents of austenite, JMatPro® was used. The results obtained 
with the Speer’s method for optimal quench temperatures are presented 
in Fig. 2, based on which 175 ◦C and 200 ◦C were selected as quench stop 
temperatures for the Q&P heat treatments. The reason for using these 
two quench temperatures was to study the microstructures and prop-
erties when quenching took place also to the temperatures on the ‘low’ 
and ‘high’ sides of the optimal quench temperature curves presented in 
Fig. 2. From Fig. 2, it can be seen that both quench temperatures for the 
sample annealed at 740 ◦C are on the ‘high’ side of the optimal quench 
temperature curve, for the sample annealed at 780 ◦C at the ‘optimum’ 
(i.e., producing the highest amount of retained austenite) as well as on 
the ‘low’ side of the optimal quench temperature curve, and for the 
sample annealed at 820 ◦C on the ‘low’ side of the respective quench 
temperature curve. The selected partition temperature was in all cases 
400 ◦C, whereas the partition took place for 30, 90 or 300 s. 

The Q&P heat treatments were conducted at the laboratory of Ma-
terials Science and Engineering of Tampere University. An austenitizing 
furnace and two salt bath furnaces were used to carry out the heat 
treatments. One of the salt bath furnaces was used for quenching to 
175 ◦C or 200 ◦C for 5 s, and the other salt bath furnace for partitioning 
at 400 ◦C for 30, 90 or 300 s, as presented in Fig. 3. Altogether eighteen 
different Q&P treatments (with sample codes and processing parameters 

Table 1 
Chemical composition of the investigated alloy in weight percent.  

Element C Al Si Mn Mo Cr Cu 

Wt% 0.26 1.35 0.85 3.0 0.41 0.02 0.01  
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presented in Table 2) were conducted. The aim was to study the me-
chanical properties and phase compositions produced by each of the 
above thermal treatments. 

The 100 mm long heat treated bars were cut into two rectangular 
pieces with lengths of 40 mm and 60 mm. The 60 mm long pieces were 
used for preparing tensile test specimens, while the 40 mm long pieces 
were used for microstructural characterizations. 

1.3. Characterization of the heat-treated samples 

The volume fractions of retained austenite in the Q&P treated sam-
ples were determined by X-ray diffraction using Panalytical Empyrean 
X-ray Diffractometer (XRD, Malvern Panalytical Ltd., UK). The retained 
austenite fractions were calculated using the four peak method ac-
cording to standard SP-453 [51] with a cobalt cathode (40◦ < 2θ < 130◦) 
operated at 40 KV and 45 mA and a 0.013◦ step size with 80 s time per 
step. The carbon content in austenite was calculated using the Dyson and 
Holmes equation [52]. The samples used for XRD were first coarse 
ground with a 800 grit SiC paper, then fine ground with a 4000 grit SiC 

paper, and finally electropolished using Struers® LectroPol-5 with A2 as 
an electrolyte. 

The microstructural analysis of the heat-treated samples was con-
ducted using Zeiss ULTRAplus field emission scanning electron micro-
scope (FESEM). The SEM samples were prepared with the same 
metallographic sample preparation method as for XRD, with the only 
exception that instead of electropolishing, the samples were polished 
using diamond suspensions with decreasing sizes of 6 μm, 3 μm, 1 μm, 
and the final polishing was done using colloidal silica suspension. Before 
SEM observations, the samples were etched with 2% nital. 

Crystallographic and phase analyses of the samples were conducted 
using Oxford Instruments Symmetry® electron backscatter diffraction 
(EBSD) detector. The EBSD samples were cut directly from the heat- 
treated specimens and prepared using JEOL IB-19530 cross section 
polisher. The ion beam accelerating voltage was 6.0 KV, and the pol-
ishing time was 3 h. Additional polishing was conducted at 3.0 KV for 
45 min. Some samples for EBSD were prepared by mechanical grinding, 
and the final polishing was done using colloidal silica. The EBSD data for 
all samples was acquired using an accelerating voltage of 15 KV, 
working distance of 12 mm, magnification of 5000×, and step size of 40 
nm or in some cases 25 nm. 

Transmission electron microscopy (TEM) analysis was conducted 
using JEOL JEM-F200 TEM working at 200 KV acceleration voltage. The 
TEM samples were first mechanically ground to the thickness of 80 μm, 
and then electrolytically polished using Struers® Tenupol-5 electrolytic 
polisher operating at 32 V. The electrolyte used in the polishing was A2, 
and the working temperature was 263 K (− 10 ◦C). 

1.4. Tensile testing 

Tensile specimens with a gauge length of 15 mm and a gauge width 
of 4 mm were prepared from the 60 mm long heat-treated bars using an 
automated milling machine. The mechanical properties of the test ma-
terials were determined using an Instron 8800 uniaxial servo-hydraulic 
materials testing machine. In the tensile tests, the direction of loading 
was transverse to the direction of rolling. The strain rate in the tests was 
0.00025 s− 1, which corresponds to a constant piston speed of approxi-
mately 0.225 mm/min. For strain measurement, a LaVision SMC 5M −
140 optical extensometer with Davis software for digital image corre-
lation (DIC) was used. The frame rate in the image recording was 2 Hz, 
and the strain calculation was based on either a 9 × 9 or a 11 × 11 
subset, with a step size of 1. Strain was calculated by Davis software for 
every frame relative to the first frame acquired. With the used setup, the 
gauge length was about 300 pixels long and the width of the sample was 
70 pixels, one pixel corresponding to about 52 μm. For a couple of 
samples, mechanical extensometer was also used for obtaining the 

Fig. 2. Results of the application of the Speer’s method for finding the optimal 
quench temperature, calculated for the intercritical annealing temperatures of 
820 ◦C, 780 ◦C and 740 ◦C. 175 ◦C and 200 ◦C (marked with blue arrows in the 
graph) are the temperatures selected for the quench-stop temperatures used in 
the Q&P treatments. (For interpretation of the references to color in this figure 
legend, the reader is referred to the Web version of this article.) 

Fig. 3. Heat treatment cycles used for the Q&P heat treatments in the current work.  
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stress-strain data. 

2. Results and discussions 

The tensile test results and mechanical properties for selected sam-
ples (intercritically annealed at 780 ◦C and 820 ◦C) are presented in 
Fig. 4 and Table 3. The retained austenite fractions and carbon contents 
of the samples acquired with XRD are, in turn, presented in Table 4. 
From Fig. 4, it is evident that the samples that were intercritically 
annealed at 820 ◦C (samples 1.8 and 2.8) possess higher strength and 
larger elongation than the samples annealed at the lower temperature of 
780 ◦C. The XRD data shown in Table 4 reveals that the fraction of 
retained austenite as well as its carbon content are lower in the samples 
annealed at 820 ◦C. The EBSD micrographs of samples 2.5 and 2.8 are 
also depicted with their respective stress-strain curves in Fig. 4. The 
EBSD data of sample 2.5 reveals the presence of blocky as well as lath 
retained austenite, while sample 2.8 contains mainly lath retained 
austenite. Also, the fractions of recrystallized ferrite and martensite in 
sample 2.8 are higher compared to sample 2.5. The higher strength of 

samples 1.8 and 2.8 can be explained by their higher martensite con-
tents, and a probable reason for their higher elongation is the presence of 
mainly lath type retained austenite, whose mechanical stability is higher 
than that of the blocky type austenite [9,10,53]. 

The tensile test results for the specimens intercritically annealed at 
740 ◦C are shown in Fig. 5. The key mechanical properties of these 
samples, determined from the observed stress-strain curves, are pre-
sented in Table 5. 

When comparing Figs. 4 and 5, it can be noticed that none of the 
samples annealed at 820 ◦C and 780 ◦C shows any (type of) DSA ser-
rations, while all samples annealed at 740 ◦C exhibit DSA serrations of 
either type A or type D. From here on, the focus of this article is directed 
towards the samples that showed DSA serrations in the tensile tests, i.e., 
the samples annealed at 740 ◦C (1.1, 1.2, 1.3, 2.1, 2.2 and 2.3). 

In Fig. 5, two different types of DSA serrations can be observed; in 

Table 2 
Sample names and processing parameters of the Q&P heat treatments.  

Sample name Annealing temperature (◦C) Annealing time (seconds) Quench temperature (◦C) Partitioning temperature (◦C) Partitioning time (seconds) 

1.1 740 180 175 400 30 
1.2 740 180 175 400 90 
1.3 740 180 175 400 300 
1.4 780 180 175 400 30 
1.5 780 180 175 400 90 
1.6 780 180 175 400 300 
1.7 820 180 175 400 30 
1.8 820 180 175 400 90 
1.9 820 180 175 400 300 
2.1 740 180 200 400 30 
2.2 740 180 200 400 90 
2.3 740 180 200 400 300 
2.4 780 180 200 400 30 
2.5 780 180 200 400 90 
2.6 780 180 200 400 300 
2.7 820 180 200 400 30 
2.8 820 180 200 400 90 
2.9 820 180 200 400 300  

Fig. 4. Stress-strain curves of the Q&P heat treated samples intercritically 
annealed at 820 ◦C and 780 ◦C and subsequent distribution of retained 
austenite (EBSD band contrast maps overlaid with FCC phase maps, blue color 
represents FCC phase and black lines are BCC grain boundaries) of samples 2.5 
and 2.8. (For interpretation of the references to color in this figure legend, the 
reader is referred to the Web version of this article.) 

Table 3 
Mechanical properties of selected Q&P samples intercritically annealed at 
820 ◦C and 780 ◦C.  

Sample Yield 
strength 
MPa 

Ultimate tensile 
strength MPa 

Uniform 
Elongation (%) 

Total 
Elongation (%) 

1.4 700 1450 10.9 12.7 
1.5 765 1465 7.97 8.2 
1.6 800 1480 10.9 12.1 
1.8 875 1560 11.26 13.5 
2.4 800 1475 8.24 8.7 
2.5 830 1486 10.23 11.6 
2.6 820 1480 11.0 11.2 
2.8 855 1582 10.7 12.9  

Table 4 
The fraction and carbon content of retained austenite in selected Q&P heat 
treated samples intercritically annealed at 780 ◦C (samples 1.4–1.6 and 2.4–2.6) 
and 820 ◦C (samples 1.8 and 2.8) with the respective quench temperatures and 
partition times.  

Sample 1.4 1.5 1.6 1.8 2.4 2.5 2.6 2.8 

Quench 
temperature 
(◦C) 

175 175 175 175 200 200 200 200 

Partition time (s) 30 90 300 90 30 90 300 90 
Retained 

austenite 
fraction (%) 

11.8 29.0 27.4 5.8 8.7 10.9 12.0 7.0 

C content in 
austenite (%) 

1.01 1.11 1.11 0.96 1.00 1.01 1.01 1.02  
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sample 1.2, the serrations are clearly of type D, while the serrations in 
samples 1.3, 2.1, 2.2 and 2.3 are of the A type. Comparison of Fig. 5 with 
Fig. 1 confirms that type A DSA serrations, i.e., definite sudden load 
drops, are associated with otherwise rather high work hardening rate of 
the steel, while D type DSA serrations are characterized by a much lower 
overall work hardening rate and almost non-hardening ‘plateaus’ in the 
stress-strain curve, as seen especially for sample 1.2. The behavior of 
sample 1.1 is also characterized by a relatively low work hardening rate, 
but the serrations do not form clear ‘steps’ and may therefore not be 
categorized as type D DSA serrations. As mentioned in Chapter 1, the 
DSA effects in steels can be rather complex, which makes it possible that 
two different DSA mechanisms are occurring simultaneously in sample 
1.1, making identification/classification of the DSA type more difficult. 

The digital camera images of sample 1.3 are correlated with the 
stress-strain curve in Fig. 6. The DIC images are associated with the 
stress-strain curve (showing A type DSA serrations) for better correlation 
with the changes occurring in the sample during straining and work 
hardening. From Fig. 6, it can be seen that the first bands that nucleate 
right after the yield point are typical Luder’s bands, caused by static 
strain aging (SSA). When the strain hardening stage commences, pro-
gressive nucleation and propagation of PLC bands are seen with 
increasing strain values. The PLC bands also appear to propagate always 
in the same direction, i.e., from the same end of the specimen to the 
other end, which is a typical characteristic of type A DSA serrations [18]. 
The nucleation of the next set of deformation bands occurs after the 
previous bands have reached the other (‘far’) end of the gauge length. 
The stress drops that are seen at higher strains in Fig. 6 as A type DSA 
serrations seem to coincide with the bands reaching the end of the gauge 

length, but this observation still needs to be verified with more precise 
measurements for example by increasing the sampling rates of stress 
(load) and strain (digital imaging rate) considerably. 

The fraction of retained austenite and the carbon content in the 
austenite were determined by XRD, as shown in Table 6. The analyzed 
peaks for ferrite were (110), (200), (211) and (220), while the analyzed 
peaks for austenite were (111), (200), (220) and (311). The EBSD phase 
maps for the Q&P heat treated samples 1.1 and 1.2 are, in turn, shown in 
Fig. 7. These samples (in Fig. 7) were prepared by ion milling with pa-
rameters given in section 1.3. 

Based on the EBSD investigations, it is evident that little to no 
martensite was formed during the quenching in any of the two samples 
presented in Fig. 7. Instead, their microstructure mainly consists of 
ferrite and blocky retained austenite only. Comparison of the XRD data 
presented in Tables 4 and 6 shows that the carbon content in the 
austenite phase of samples annealed at 740 ◦C (1.1–1.3 and 2.1 to 2.3) is 
high compared to the samples intercritically annealed at 780 ◦C and 
820 ◦C, which is the probable reason why sufficient blocky austenite is 
retained at room temperature in the samples annealed at 740 ◦C. The 
XRD data in Table 6 also shows that the fraction of retained austenite in 
samples quenched to 175 ◦C (1.1, 1.2 and 1.3) has a clear maximum or 
‘peak value’ when the partitioning time at 400 ◦C is 90 s, while the 
samples quenched to 200 ◦C (2.1, 2.2 and 2.3) show similar amounts of 
austenite with almost the same carbon content irrespective of the par-
titioning time. The varying (‘peaking’) contents of retained austenite in 
samples 1.1 through 1.3 can be explained by the progression of the 
carbon partitioning process. In sample 1.1, the partitioning time of 30 s 
is not long enough to stabilize a sufficient amount of retained austenite 
and the sample may still contain a small amount of martensite, from 
which carbon did not yet sufficiently partition to austenite. For sample 
1.2, it seems that most carbon has partitioned into austenite and there is 
little to no martensite left in the sample. The again small amount of 

Fig. 5. Stress-strain curves of the investigated samples intercritically annealed 
at 740 ◦C, and a close-up of tensile curves of samples 1.2 and 1.3 depicting type 
D type and type A DSA serrations, respectively. 

Table 5 
Summary of the mechanical properties of selected Q&P samples intercritically 
annealed at 740 ◦C.  

Sample Yield 
strength 
MPa 

Ultimate tensile 
strength MPa 

Uniform 
Elongation (%) 

Total 
Elongation (%) 

1.1 590 1015 25.3 29.8 
1.2 634 986 19.5 22.2 
1.3 544 1186 20.4 22.5 
2.1 514 1217 19.3 22.8 
2.2 535 1272 18.0 22.1 
2.3 541 1218 17.3 20.5  

Fig. 6. Association of the DIC images with the stress-strain curve of sample 1.3.  

Table 6 
The fraction and carbon content of retained austenite in the Q&P treated sam-
ples intercritically annealed at 740 ◦C, with respective quench temperatures and 
partition times.  

Sample 1.1 1.2 1.3 2.1 2.2 2.3 

Quench temperature (◦C) 175 175 175 200 200 200 
Partition time (s) 30 90 300 30 90 300 
Retained austenite fraction (%) 5.8 34.1 7.7 33.4 31.9 31.0 
C content in austenite (%) 1.26 1.19 1.26 1.20 1.20 1.19  
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retained austenite in sample 1.3 can be explained by the presence of 
small amount of fresh martensite, i.e., instead of partitioning to retained 
austenite and stabilizing it, partitioning carbon has led to the formation 
of secondary or fresh martensite. For the samples 2.1 through 2.3 
(quenched to 200 ◦C), the XRD data shows that almost all carbon has 
partitioned to austenite at the Q&P annealing temperature and there is 
no primary nor secondary martensite present in the microstructures of 
these samples. The microstructures presented in Fig. 7 also indicate that 
the entire Q&P process has not taken place properly because the Q&P 
heat treatment requires the formation of sufficient martensite at the 
quench stop temperatures so that carbon partitioning from martensite to 
austenite during the partition stage can take place [2,3]. Furthermore, 
the EBSD micrographs in Fig. 7 reveal the nucleation of austenite at the 
ferritic boundaries, which suggests that the intercritical annealing 
temperature has been (too) close to the A1 transformation temperature. 
The obvious reason for the absence of martensite is that the calculated 
Ms temperature for the studied steel grade annealed at 740 ◦C was not 
accurate and should be corrected for. A probable solution might be to 
substitute the entire intercritical annealing composition in the Ms tem-
perature equations instead of just substituting the carbon values. The 
intercritical annealing compositions can be calculated for example with 
a CALPHAD software, such as JMatPro®. 

Comparison of the micrographs presented in Fig. 7 for samples that 
showed DSA serrations with the micrographs presented in Fig. 4 for 
samples that did not show any signs of DSA, reveals some differences in 
the microstructures. The microstructures of the samples intercritically 
annealed at 740 ◦C (Fig. 7) contain large fractions of ferrite (including 
recrystallized ferrite) and blocky retained austenite along the ferrite 
grain boundaries but little to no martensite, while the microstructures of 
samples 2.5 and 2.8 (Fig. 4) contain less retained austenite (with mainly 
lath morphology) along with ferrite and some amount of martensite. 

In austenite-containing multiphase steels, deformation induced 
transformation of austenite to martensite has been reported to cause 
serrations in the stress-strain curves during deformation at room tem-
perature [38,40,41,54]. The proposed reason for this occurrence is 
related to the change in the RT stability of austenite caused by the 
changes in its chemical composition at different intercritical annealing 
temperatures, i.e., the contents of C and Mn in austenite changes as the 
intercritical annealing temperature is changed. This change in the 
chemical composition of austenite causes unstable TRIP effect and 
eventually leads to jerky flow. Unstable plastic deformation due to the 
change in the stability of austenite has also been reported by Gibbs et al. 
[55] and Ryu et al. [56], although the reason for the heterogenous 
plastic flow was not presented. A probable reason for the occurrence of 
DSA in the fcc structure at room temperature was put forward by Lee 

et al. [34], but the investigation was conducted on high manganese 
TWIP steels. From Fig. 7 it can be seen that considerable fractions of 
retained austenite are present at room temperature in the samples that 
show DSA serrations. So, the jerky flow observed in the investigated 
samples may also be due to the retained austenite undergoing the TRIP 
transformation, and for example, the authors of [38,40,41] have asso-
ciated jerky flow to the nucleation of PLC bands during the unstable 
TRIP effect. However, further experimental evidence and studies are 
required to prove the relation between the PLC bands and the TRIP 
transformation. An interesting feature to note in the investigated mi-
crostructures is the distinct morphology of retained austenite. By 
comparing the EBSD micrographs presented in Figs. 7 and 4, it can be 
seen that blocky morphology of retained austenite is seen in the samples 
that show DSA serrations, while mainly lath morphology is seen in 
samples 2.5 and 2.8 (Fig. 4) that did not show any DSA serrations. Some 
studies show that the stability of retained austenite depends on the 
morphology [9,53], so it might be possible that the morphology of 
retained austenite also affects the occurrence of the (DSA) serrations. 
Studies related to DSA serrations and the morphology of retained 
austenite have not been reported in the literature and would therefore 
be an interesting subject of a further study. 

Previous studies on multiphase steels have proposed that SSA and 
DSA take place primarily in the phase(s) with a bcc structure [37,39,42, 
43] and that the reasons for the occurrence of DSA serrations include the 
difference in the dislocation density in the ferrite grains [39,42,43] and 
the interaction of interstitial solute atoms with dislocations [37]. In the 
current study, however, it is not clear how (and to what extent) the 
different microstructures are involved in causing the DSA serrations at 
the atomic scale in the samples of aluminum alloyed 3% manganese 
steels partially annealed at different temperatures. 

To further understand the difference between the samples that 
showed DSA serrations (1.1, 1.2, 1.3, 2.1, 2.2 and 2.3) and the samples 
that did not show them (e.g., sample 1.5), TEM investigations on 
selected samples were conducted before and after tensile testing. The 
TEM micrographs of the samples before tensile testing are presented in 
Fig. 8, showing that samples 1.2 and 2.1 contain carbides in their 
microstructure. The carbides, the size of which ranges from 80 to 160 
nm, are mostly spherical in shape and appear to reside inside the ferrite 
phase. The TEM micrograph from sample 1.5 (Fig. 8c) that did not show 
DSA serrations, instead, does not contain any carbides. As the precipi-
tation of carbides is generally assumed to inhibit DSA serrations [46, 
57–59] rather than to promote them, their existence may not be ex-
pected to be directly the reason for the observed DSA serrations either in 
this case. 

To examine the formation and nature of the carbides, additional 

Fig. 7. EBSD band contrast maps overlaid with FCC phase maps (blue color represents the FCC phase and black lines are the BCC grain boundaries) (a) sample 1.1 (b) 
sample 1.2. (For interpretation of the references to color in this figure legend, the reader is referred to the Web version of this article.) 
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quenching heat treatment experiments were conducted. Samples of the 
studied steel grade were partially austenitized at different intercritical 
annealing temperatures, followed by direct water quenching to room 
temperature. The purpose of these experiments was to determine 

whether the carbides are forming at the intercritical annealing tem-
perature or later at some stage during the Q&P treatment. The selected 
annealing temperatures were, 740 ◦C, 750 ◦C, 760 ◦C and 780 ◦C. SEM 
micrographs of the samples that were quenched to room temperature 

Fig. 8. TEM micrographs of samples before tensile testing (a) 1.2 (b) 2.1 (c) 1.5 (no carbides observed).  

Fig. 9. SEM micrographs of samples (a) annealed at 740 ◦C and quenched to RT, (b) annealed at 750 ◦C and quenched to RT, (c) annealed at 760 ◦C and quenched to 
RT and (d) annealed at 780 ◦C and quenched to RT. Carbides are observed in all samples except in the one annealed at 780 ◦C. 
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after partial austenitization are presented in Fig. 9. The samples that 
were annealed at 740 ◦C, 750 ◦C and 760 ◦C show the presence of car-
bides inside ferrite, while the sample partially austenitized at 780 ◦C 
does not contain carbides. The observed carbides are also in the same 
size range as seen in the TEM images presented in Fig. 8a and b. These 
experiments confirm that the carbides are forming during the partial 
austenitization temperature but only below 780 ◦C. To investigate more 
closely the nature of the observed carbides, a JMatPro® simulation was 
conducted. The simulation results presented in Fig. 10a show that these 
carbides form when the annealing temperature is between 640 ◦C and 
660 ◦C and that they start to dissolve in the solid solution when the 
annealing temperature is above 680 ◦C. When the temperature reaches 
780 ◦C, they have dissolved completely. The simulation results are in 
line with the images shown in Fig. 9. According to JMatPro®, the car-
bides are of type M(C,N) and M2(C,N). The precipitation of these car-
bides has also been reported by Lee et al. [60], who suggested that the 
carbides precipitate close to the A1 transformation temperature. The 
JMatPro® simulation results indicate that the carbides are dissolving 
during annealing at 740 ◦C, which means that carbides are freeing 
carbon and nitrogen inside ferrite during the dissolution process. This 
might be the reason why DSA is observed in the samples that are 
annealed at 740 ◦C, i.e., samples 1.1–1.3 and 2.1–2.3, where the car-
bides are not completely dissolved in 180 s, which was the annealing 
time for the samples used in the Q&P treatments. Because the dissolution 
process is still incomplete at the end of the annealing time, the ferrite 
phase contains excess amounts of free C and N interstitials, which can 
easily interact with the moving dislocations and cause DSA serrations. 
Similar conclusion was presented by Gonzalez et al. [61], who proposed 
that DSA in pearlitic steels is occurring in ferrite by the interaction of 
dislocations and C atoms given off upon decomposition of cementite. 
The speculation presented in this study about the interaction of moving 
dislocations with the solute atoms originating from the decomposition of 
carbides and leading to DSA agrees with the theories presented by 
Cottrell [23], McCormick [24,27] and Beukel [25,26]. 

A TTT (time temperature transformation) diagram presented in 
Fig. 10b was also created by using JMatPro®. The diagram indicates that 
retained austenite is still stable at room temperature after partitioning 
and that no phase transformation takes place at the partitioning tem-
perature of 400 ◦C during the partition time of 300 s (which was the 
maximum partitioning time used in the current Q&P treatments). 

To confirm the above findings and to find support for the presented 
discussion, the samples were examined with TEM also after tensile 
testing. TEM micrographs of samples 1.2 and 2.1 after tensile testing are 

presented in Fig. 11. Fig. 11a shows typical dislocation cell walls around 
the carbides (pointed by blue arrows), which is more or less expected as 
the dislocations tend to get entangled around the carbides. Another type 
of regions of interest are pointed by the red arrows, where the disloca-
tion cell walls are further away from the carbides in otherwise quite 
dislocation free areas. It might be speculated that these are regions 
where dissolution of the carbides had already occurred, but there are 
still plenty of free C and N interstitials for dislocations to interact with 
and cause DSA serrations in the tensile tests. Similar kind of dislocation 
cell walls are also seen in Fig. 11b, which is taken from sample 2.1. It is 
quite clear that based on a few TEM images it is not possible to differ-
entiate between the D type DSA serrations exhibited by sample 1.2 and 
the A type DSA serrations exhibited by sample 2.1, and therefore further 
investigations must be conducted to gain more insight also into this 
question. 

However, as mentioned before, it is possible that the serrations 
observed in the tensile test curves of certain types of steels may be due to 
slightly different kinds of phenomena such as the direct interaction 
between moving dislocations and the (interstitial) solute atoms (i.e., 
‘ordinary’ dynamic strain aging) in ferrite, or the deformation induced 
transformation of austenite to martensite in the retained austenite, 
leading to unstable plastic flow of the material. It may therefore be 
speculated that more than one mechanism of jerky flow is active in the 
same multiphase structure, but the mechanisms are very difficult to 
separate from one another by conventional research methods. 

3. Conclusions 

In this work, the occurrence of dynamic strain aging (DSA) in 
intercritically annealed Q&P steels with varying heat treatment pa-
rameters was investigated. The results highlight the effect of changing 
Q&P parameters on the mechanical behavior of low carbon medium 
manganese high aluminum steels. In addition to the tensile tests that 
exhibited serrations in the stress-strain curves of the samples, the mi-
crostructures of the samples that showed serrations were compared with 
the microstructures of the samples where the serrations were absent. 
The main results and conclusions of the research work can be summa-
rized as follows:  

1. The used Q&P parameters lead to very stable retained austenite at 
RT, and little to no martensite was formed during the initial 
quenching stage of the Q&P treatment. That means that changes in 
the Ms temperature equations must be done to determine the 

Fig. 10. (a) JMatPro® simulation for the presence of carbides at different partial austenitization temperatures, (b) TTT diagram obtained from JMatPro® for the 
austenitization temperature of 740 ◦C and annealing time of 180 s, showing that no phase transformation is happening at the partition temperature of 400 ◦C and in 
the maximum applied partition time of 300 s. 
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optimum Q&P parameters for the samples annealed at 740 ◦C. An 
apparent solution is to use the true intercritical austenite composi-
tion (at 740 ◦C) for all elements instead of just adjusting the value of 
the carbon content.  

2. Annealing at close to A1 when the fraction of austenite is close to 
40% appears to result in the precipitation of carbides. These carbides 
are of types M(C,N) and M2(C,N) and enriched with carbon. Disso-
lution of these carbides occurs between 680 ◦C and 760 ◦C, and upon 
the dissolution, free carbon and nitrogen atoms are present as in-
terstitials in the solid solution. Mobile dislocations can interact with 
the interstitial atoms, which can result in the build-up of dislocation 
cell walls. The interactions of the mobile dislocations and interstitial 
solute atoms can also result in the dynamic strain aging in suitable 
conditions. 

3. Unstable blocky austenite was found in the samples that show ser-
rations in the tensile test curves. It seems possible that this effect is 
caused by the heterogenous TRIP effect taking place during plastic 
deformation, as suggested also by some earlier studies. This effect, 
however, could not be confirmed in this work and further studies are 
required to understand the relation between the TRIP effect and 
serrated flow.  

4. Type D DSA serrations were observed in one of the samples, but 
further studies are needed to elucidate the conditions for their 
occurrence. 
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